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Metastable b-Phase Ti–Nb Alloys Fabricated
by Powder Metallurgy: Effect of Nb on Superelasticity
and Deformation Behavior

D. KALITA, K. MULEWSKA, I. JÓŹWIK, A. ZABOROWSKA, M. GAWĘDA,
W. CHROMIŃSKI, K. BOCHENEK, and Ł. ROGAL

This study investigates the effect of Nb concentration on the mechanical properties,
superelasticity, as well as deformation behavior of metastable b-phase Ti–Nb alloys produced
via powder metallurgy. The alloys were fabricated through mechanical alloying, followed by
consolidation using hot pressing. The resulting microstructure comprises fine b-phase grains
with TiC carbide precipitates at the grain boundaries. The study reveals non-linear variations in
the values of yield strength for the manufactured materials, which were attributed to the
occurrence of various deformation mechanisms activated during the loading. It was found that
the mechanisms change with the increasing concentration of Nb in the manner: stress-induced
martensitic transformation, twinning, slip. However, all these mechanisms were activated at a
reduced concentration of Nb compared to the materials obtained by casting technology
previously reported in the literature. This is most probably associated with the elevated oxygen
content, which affects the stability of the parent b-phase. The study revealed that superelasticity
in Ti–Nb-based alloys prepared using powder metallurgy may be achieved by reducing the
content of b-stabilizing elements compared to alloys obtained by conventional technologies. In
this study, the Ti–14Nb (at. pct) alloy exhibited the best superelasticity, whereas conventionally
fabricated Ti–Nb alloys displayed superelasticity at an Nb concentration of approximately 26
at. pct. The developed material exhibited a non-conventional, one-stage yielding behavior,
resulting in a superelastic response at significantly higher stresses compared to conventionally
fabricated Ti–Nb alloys.
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I. INTRODUCTION

THE b-phase Ti alloys are currently attracting
significant attention as a highly promising group of
metallic materials for biomedical applications.[1] It is
attributed to their superior mechanical properties,
reduced elastic modulus, excellent biocompatibility,

and corrosion resistance.[2–4] Concerning the materials
utilized for the bone implants, they must satisfy certain
requirements, i.e., the absence of toxic elements and
appropriate mechanical properties corresponding to
these observed for the bones.[5] Unfortunately, they are
incompletely fulfilled for the Ti alloys currently used in
implantology, for instance Ti–6Al–4V, because of the
presence of Al that may contribute to the development
of Alzheimer’s disease.[2,5] To overcome this problem, a
novel class of biocompatible b-Ti alloys, which contain
non-toxic alloying elements, such as Nb, Zr, or Ta, was
developed. Recent studies show that except aforemen-
tioned advantages, the b-Ti alloys exhibit also shape
memory and superelastic effects.[6–8] In the context of
biomedical applications, the latter phenomenon appears
to be the most significant, as the mechanical behavior of
superelastic materials is comparable to that observed in
bones.[9] The superelasticity is related to the occurrence
of the reversible stress-induced martensitic transforma-
tion (SIMT). In b-Ti alloys, the transformation occurs
between the body-centered cubic (BCC) b-Ti austenite
and the orthorhombic a¢¢-martensite.[10] Up to now, the
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superelastic properties were found in numerous binary
and ternary b-Ti alloys, e.g., Ti–26Nb,[11]

Ti–18Nb–3Mo,[6] or Ti–6Mo–3Ga.[12] In the Ti–Nb
system, the phenomenon was registered for alloys
containing 26-27 at. pct of Nb.[10,11] Such materials
typically exhibit recoverable strains ranging between 1
and 2.5 pct[11,13,14] in a solution-treated (ST) state. These
values may be slightly enhanced by rising the critical
stress required for slip. For instance, the presence of
nanoscale precipitates of x-phase in the aged alloys can
boost the recoverable strain to around 4 pct.[11]

Current advancements in manufacturing of Ti alloys
are primarily centered around the utilization of powder
metallurgy (PM) and additive manufacturing
(AM).[15,16] These advanced technologies enable the
preparation of parts with unique microstructures and
enhanced mechanical properties, which are frequently
challenging or unattainable to obtain by the conven-
tional approaches. Despite this, there is a lack of
comprehensive analysis in the literature concerning the
mechanical and superelastic properties of b-phase tita-
nium alloys fabricated using the PM technique. The
available data indicate that they typically exhibit
increased strength, reduced ductility and, diminished
superelasticity compared to their conventional counter-
parts.[17–19] For example, Chen et al.[17] reported that a
yield strength (YS) for pressureless sintered Ti–26Nb
reached about 600 MPa, whereas these values did not
exceed 400 MPa for the cast alloys.[13,14] The values
varied from � 800 to � 1300 MPa were registered for
the series of sintered Ti–(8–18)Nb.[18] Even higher value
close to 1.5 GPa, accompanied by poor ductility, were
reported for the pressureless sintered Ti–11Nb.[19] On
the other hand, the data regarding the superelastic
characteristics of such materials are even more limited.
Preliminary investigations concerning this issue revealed
the absence of superelasticity in the sintered materials,
despite it being previously registered for conventionally
fabricated alloys with the same compositions.[20–22]

More recently, Lai et al.[18] found that the superelasticity
in the sintered Ti–Nb alloys may be obtained by the
reduction of the concentration of Nb to approximately
13 at. pct. The alloy possesses a high recoverable strain
of about 5 pct. However, the value was mainly associ-
ated with the combination of the high YS (of about 1
GPa) and elevated elasticity of the alloy. Similar
behavior was observed by Yuan et al.[19] in sintered
Ti–11Nb alloy, which exhibits 5.4 pct of recoverable
strain and an extremely high strength of about
1500 MPa. Unfortunately, the data concerning the
evolution of both mechanical as well as superelastic
properties with respect to the content of the b-stabilizing
elements in PM-fabricated b-titanium alloys are very
limited. The description of this effect allows for a deeper
understanding of the properties of this novel group of
materials and for the development of new compositions
of alloys dedicated for fabrication using the PM
technology, with enhanced performance.

Therefore, the presented work aimed to fabricate a
series of binary Ti–Nb alloys using the PM route and
study the influence of Nb concentration on the mechan-
ical and superelastic properties of these materials. To

gain a more detailed understanding of their perfor-
mance, the materials underwent a thorough analysis of
the microstructural effects occurring during their
deformation.

II. EXPERIMENTAL

A. Materials Fabrication

The investigated Ti–14Nb, Ti–20Nb and Ti–26Nb (in
at. pct) alloys were prepared using mechanical alloying
(MA) and hot pressing (HP) techniques. The powders of
Ti (<105 lm, 99.9+ pct) and Nb (<44 lm, 99.8+ pct)
supplied by Alfa Aesar were applied. The MA process
was conducted using a Fritsch Pulverisette 7 planetary
ball mill. The following synthesis conditions were
applied: rotation speed 150 rpm, time 30 hours,
ball-to-powder ratio 10:1. The vessel and balls (5 mm),
made of cemented tungsten carbide, were used. In order
to prevent contamination of the powders, all powder-re-
lated procedures were performed within a glovebox,
ensuring an argon atmosphere with O2 and H2O levels
maintained below 1 ppm. The sintering was conducted
using a Thermal Technology HP-20-4650 hot pressing
system. The following sintering conditions were applied:
temperature 1400 �C, time 30 minutes, pressure
50 MPa, heating rate 10 �C/min. The process was
conducted under a vacuum (10�3 Pa). Cylindrical sam-
ples with a diameter of 24 mm and a height of around
10 mm were obtained. In the next step, the materials
were solution-treated at 1250 �C for 24 hours to enhance
their chemical homogeneity. The samples were encap-
sulated in quartz tubes under a vacuum to prevent
oxidation during the annealing.

B. Materials Characterization

The phase composition of the fabricated alloys was
studied by X-ray diffraction (XRD) method with the
application of a Philips PW1740 diffractometer and Co
Ka radiation. Microstructural investigations were per-
formed with the application of a ThermoFisher Scien-
tific Helios 5 UX dual beam scanning electron
microscope (SEM). The microscope was equipped with
the EDAX Octane Elite Plus energy-dispersive X-ray
spectroscopy (EDS) system and the EDAX velocity
electron backscatter diffraction (EBSD) camera. The
transmission electron microscopy (TEM) observations
were carried out using a JEOL JEM 1200EX II (120 kV)
and JEOL JEM F-200 (200 kV) microscopes. The thin
foils for the TEM investigations were prepared by a
focused ion beam (FIB) lift-out technique. The oxygen
concentration in the fabricated alloys was measured by
inert gas fusion (IGF) method by a Leco ON836. For
each of the compositions, three samples with a weight of
about 0.5 g were used. Carbon, nitrogen and hydrogen
concentration were measured by laser-induced break-
down spectroscopy (LIBS) method using the J200
Tandem system (Applied Spectra Inc., Fremont, CA)
controlled by the Axiom software. Samples were ana-
lyzed with a 213 nm Nd:YAG laser. The measurements
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were conducted in an atmosphere of noble gas (argon)
with a flow of 2 L/min. Additionally, the sample
chamber was purged prior to collecting spectra for 200
seconds. The laser’s energy was set at 50 pct. Spectra
were obtained from 8 points within a 250 9 500 lm
frame, with 64 laser shots per point and 20 Hz repetition
rate, precede by 25 warmup shots. Prior to the mea-
surement, the surface of the samples was ablated to
remove surface layer and potential environmental con-
taminations. For the calibration curves, certified refer-
ential materials of titanium alloys (MBH Analytical
LTD, High Barnet, UK) were used, specifically IARM-
TiG4-18, IARM-Ti64-18 (6-4), and IARM-Ti64ELI-18
(6Ai-4V ELI).

Mechanical properties of the materials were studied in
compression and tension. The compression tests were
performed with the application of Shimadzu Autograph
AG-X machine. The tests were carried out with a strain
rate of 10�3 1/s at room temperature (RT). The tested
samples with the cylindrical shape (diameter 4 mm,
height 6 mm) were fabricated with the application of a
wire electrical discharge machining (WEDM). Tensile
tests were performed at RT on a ZwickRoell Z020
AllroundLine machine equipped with a 10 kN load cell.
In the tests, strain was measured directly by non-contact
laser measurement technique using a ZwickRoell
laserXtens system. All tensile samples were machined
from the bulk using WEDM method. In order to
remove the material layer affected by cutting, before
final testing, samples where mechanically grinded with
SiC abrasive paper (1200 grade). The miniature geom-
etry of the samples includes a gauge length of 4 mm and
a thickness of 0.6 mm. Tests were performed with
closed-loop strain control and a strain rate of 0.00025 1/
s. For each of the materials, three samples were tested in
both compression and tension.

The superelasticity of the alloys were studied by cyclic
compression tests. The experiments were conducted on a
single sample, gradually increasing the strain by 0.5 pct
per cycle, starting from 1 pct and progressing up to 5 pct
of the total strain. After each cycle, the stress was
removed. The recoverable strain was defined as a
difference between the maximum strain and permanent
strain after the last cycle.[23] Three samples were
measured for each alloy. The in situ deformation studies
were performed with the application of a home-made
tensile device allowing for the observation of the
microstructure of deformed material by visible light
microscope. The experiments were conducted on dog
bone-shaped samples, featuring the following dimen-
sions: gauge length of 8 mm, width of 2 mm, and a
thickness of approximately 300 lm. The microstructural
effects resulting from the deformation were investigated
after deformation up to 2 pct and in the unloaded state.
Nanoindentation tests were performed at RT using a
Micro Materials Ltd NanoTest Vantage system. A
spherical indenter with tip radius of 5 lm was used.
To study the superelasticity of the investigated materials
the depth recovery ratio gh (Eq. 1) and work recovery
ratio gw (Eq. 2) were extracted from nanoindentation
load–depth (F–h) curves.[24,25] The gh may be described
as:

gh ¼ hm � hp
hm

; ½1�

where hm is maximum penetration depth and hp is per-
manent indentation depth after the unloading. On the
other hand, the gw (Eq. 2) may be defined as the ratio
of recoverable work Wrc to the total work Wt:

gw ¼ Wrc

Wt
¼

R hm
hp
Fdh

R hm
0 Fdh

: ½2�

Indentations were performed in a single force mode
using various loads: 5, 10, 15, 20, 25, 30 mN (Ti–14Nb)
and 5, 10, 15, 20 mN (Ti–20Nb and Ti–26Nb).

III. RESULTS

A. Phase Composition and Microstructure

Figure 1(a) shows the XRD patterns registered for the
investigated Ti–xNb alloys. All alloys contain mainly
the BCC b-Ti phase, but the peaks corresponding to the
orthorhombic a¢¢-martensite may be also distinguished
for Ti–14Nb. This indicates that the Ms (martensite
start) temperature for this alloy is slightly above RT.
Figure 1(b) presents the typical microstructure of the
investigated alloys. It comprised relatively fine grains of
b-Ti with micrometric precipitates (marked with yellow
frame in Figure 1(b)) located mainly at grain boundaries
(visible as dark). Their total fraction was independent of
the Nb concentration and reached about 1 vol pct in all
alloys (based on the stereological measurements using
planimetric method). The performed EDS mapping
indicates that the precipitates were enriched in Ti and
C, but depleted in Nb. To investigate their nature in
more detail the TEM technique was used. The selected
area electron diffraction (SAED) pattern taken from the
particle corresponds to the cubic structure of
Fm3m-TiCx carbide—Figure 1(c). The occurrence of
the superlattice maxima resulting from the vacancy
related ordering of TiCx carbide which typically exists
over a wide stoichiometric ratio (0.5 £ x £ 1), as
described in more details in References 26 and 27.
Because of that, the occurrence of Fd3m-Ti2C was
suggested by some studies, e.g., References 28 and 29.
The presence of the TiCx was previously reported in
variety of titanium alloys prepared using powder met-
allurgy route, e.g., Ti–15Mo[28] or Ti–xNb.[30] The
orientation map presented in Figure 1(d) shows that
the materials did not exhibit a visible crystallographic
texture, which was confirmed by calculated inverse pole
figure (IPF) (presented as inset in Figure 1(d)). The
performed grain size analysis (presented in Table I)
indicates that the average size of the grains slightly
decrease with the increasing Nb concentration, ranging
from 47 ± 28 lm for Ti–14Nb to 21 ± 13 lm for
Ti–26Nb. It is noteworthy that the developed sintering
procedure led to the production of nearly fully dense
alloys, with a porosity level below 0.1 vol pct. The
chemical composition of the alloys quantified by an
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EDS presented in Table I corresponds to the intended
values and the changes do not exceed 0.5 at. pct. Using
the IGF method we found that the oxygen concentra-
tion in the investigated materials reaches 0.5 to 0.6 at.
pct.

In order to study the microstructure of the fabricated
materials in more detail, the TEM technique was used.
Figure 2(a) displays the BF/TEM microstructure of the
Ti–14Nb alloy. The corresponding diffraction pattern
(Figure 2(b)) registered along the [001]b zone axis,
revealed additional refractions that could be indexed as
orthorhombic a¢¢-martensite. This finding aligns well
with the XRD results (Figure 1(a)), indicating the
presence of martensite in Ti–14Nb alloy. The observed
orientation relationship between the a¢¢-Ti and parent
b-Ti phase was: [011]b-Ti//[020]a¢¢-Ti. As shown in the

dark-field (DF) image (Figure 2(c)), the a¢¢-martensite
appeared in the form of nanometric needles surrounded
by the b-Ti matrix. It is essential to note that the
a¢¢-martensite was not observed in the other samples,
i.e., Ti–20Nb and Ti–26Nb.
Further investigations of the parent b-phase revealed

the presence of precipitates of a secondary phase, as
shown in Figure 3. The SAED patterns acquired along
the [110]b zone axis not only contain the primary b-Ti
reflections but also show diffuse scattering at 1/3 and 2/3

f112gb, corresponding to the hexagonal x-phase (P6/

mmm). In general, two types of x-phase can be
distinguished based on their formation mechanisms: (I)
athermal x-phase (xath), which arises during quenching
through the displacive mechanism, and (II) isothermal
x-phase (xiso), which forms during intermediate aging

Fig. 1—XRD patterns of the investigated alloys (a), microstructure (BSE contrast) of the Ti–20Nb alloy, with the corresponding EDS elemental
maps (b), BF/TEM micrograph and corresponding SAED patterns from the area of matrix (A) and precipitate from the grain boundary (B) (c)
and EBSD orientation map with the corresponding IPF as an inset (d).

Table I. Average Grain Size and Concentration of Nb, O, C, N and H in the Investigated Alloys

Alloy (At. Pct] Ti–14Nb Ti–20Nb Ti–26Nb

Average Grain Size (lm) 47 ± 28 26 ± 16 21 ± 13
Nb Concentration (EDS) (At. Pct) 14.5 ± 0.5 20.3 ± 0.4 26.4 ± 0.3
O Concentration (IGF) (At. Pct) 0.59 ± 0.04 0.52 ± 0.02 0.57 ± 0.05
C Concentration (LIBS) (At. Pct) 0.16 ± 0.02 0.10 ± 0.01 0.08 ± 0.01
N Concentration (LIBS) (At. Pct) 0.02 ± 0.01 0.01 ± 0.01 0.01 ± 0.01
H Concentration (LIBS) (At. Pct) 0.08 ± 0.01 0.07 ± 0.01 0.09 ± 0.01
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via the diffusion mechanism.[31] In this case, the phase
appeared after quenching from the b-phase field, con-
firming its identity as the athermal x-phase. Reflections
corresponding to the x-phase were observed in all
analyzed materials; however, their intensity decreased
with increasing concentrations of Nb (Figures 3(a)
through (c)). This indicates that the amount of this
phase decreases with the concentration of Nb. It is
widely accepted that the content of the x-phase
decreases with the increasing stability of the b-phase[32]

(or b-stabilizer concentration) and is suppressed in
highly stabilized b-Ti alloys, such as Ti–18Mo.[33] The
phase typically appears in the form of nanometric
precipitates uniformly distributed within the b-matrix,
which is also evident in this case, as seen in DF/TEM
micrographs presented in Figures 3(a) through (c).
Importantly, in addition to the content, the size of the
precipitates also decreases with the increasing concen-
tration of Nb in the analyzed materials.

Figure 4 shows a series of SAED patterns acquired
along the [113]b zone axis. The presented patterns
contain the x-phase reflections (marked with the blue
circles), along with the O¢-phase reflections present at 1/

2 f112gb (marked with the red circle). The O¢-phase
exhibits orthorhombic symmetry (Cmcm) and can form

from the b-phase by 011f g==<011>b shuffle, as previ-
ously reported, among others, in References 34 and 35.
The occurrence of the O¢-phase was reported in various
oxygen-rich b-Ti alloys, such as Ti–23Nb–2O[35,36] or
Ti2448 (gum metal).[34] The phase is present in the form
of nanometric particles randomly distributed within the
b-matrix, as seen in the DF/TEM image in Figure 4(b).
The obtained SAED patterns show relatively intense
reflections for the Ti–14Nb alloy, which then weaken for
the Ti–20Nb and Ti–26Nb. This is most likely related to
the increasing stability of the b-phase, which has a
suppressing effect on O¢ formation. However, a slightly
higher concentration of oxygen (Table I) in Ti–14Nb
may promote the formation of the phase.[37]

B. Mechanical Properties

The mechanical properties of the investigated alloys
were studied with the application of both tensile and
compression tests. Figure 5 presents the representative

Fig. 2—BF/TEM micrograph of the Ti–14Nb sample (a) with the corresponding SAED pattern (b) and the DF/TEM image (c) selecting the
a¢¢-martensite reflection, highlighted in the SAED with the yellow circle (Color figure online).

Fig. 3—The SAED patterns acquired along the [110]b zone axis with the corresponding DF/TEM micrographs selecting the x-phase reflections
(marked with the yellow circles) for Ti–14Nb (a), Ti–20Nb (b) and Ti–26Nb (c) alloys (Color figure online).

METALLURGICAL AND MATERIALS TRANSACTIONS A



stress-strain curves measured for the analyzed alloys,
whereas Table II summarizes the obtained results. It is
clearly visible that the highest YS (860 MPa in com-
pression and 640 MPa in tension) was registered for
Ti–14Nb. Subsequently, as the content of Nb increased
to 20 at. pct, the yield strength decreased (580 MPa in
compression and 540 MPa in tension), but then
increased again in the case of Ti–26Nb (630 MPa in
compression and 600 MPa in tension).

It is important to note that the yield strength values
obtained from tensile and compression tests for
Ti–20Nb and Ti–26Nb alloys are similar, with more
significant differences observed only for Ti–14Nb. Sim-
ilar effects were noted in previous studies; for instance,
Gao et al.[38] reported an asymmetry in the yield
strength values obtained from tensile and compression
tests for the metastable b-phase Ti–7Mo–3Nb–3Cr–3Al

(wt pct) alloy (549 and 680 MPa, respectively), revealing
a SIMT mechanism also found in the Ti–14Nb alloy
(described in detail in Section III–D). This asymmetry is
most likely associated with tension-compression asym-
metry, a phenomenon widely studied in superelastic
NiTi alloys resulting from the different stress-induced
martensite variant selection during tension/compres-
sion.[39] Nevertheless, the general trend of yield strength
changes in compression and tension modes remains
consistent.
The fabricated materials showing relatively good

plasticity, particularly in the compression mode—the
lowest compressive strain of 18 pct was registered for
Ti–14Nb, while no cracks were observed up to 50 pct for
Ti–26Nb alloy (Figure 5(a)). On the other hand,
ductility in the tensile mode was significantly reduced,
as indicated by Figure 5(b). Figure 6 displays a series of

Fig. 4—The SAED patterns acquired along the [113]b zone axis for Ti–14Nb (a), along with the corresponding DF image (b), Ti–20Nb (c) and
Ti–26Nb (d). The presented DF image selecting the O¢-phase reflection (marked with the yellow circle) (Color figure online).

Fig. 5—Compression (a) and tension (b) stress–strain curves for the studied alloys.

Table II. Mechanical Properties of the Investigated Alloys—Yield Strength (YS) Measured in Compression (C) and Tension (T)
Mode, Ultimate Tensile Strength (UTS) and Elongation

Alloy YS (C) (MPa) YS (T) (MPa) UTS (MPa) Elongation (Pct)

Ti–14Nb 860 ± 10 640 ± 20 770 ± 10 12 ± 3
Ti–20Nb 580 ± 40 540 ± 30 600 ± 30 15 ± 4
Ti–26Nb 630 ± 20 600 ± 20 620 ± 20 6 ± 2
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SEM images depicting the fracture morphology of the
samples after the tensile test. It is clearly visible that the
fractures primarily exhibit a brittle mode, with cracks
propagating mainly along the grain boundaries. This is
most probably related to the occurrence of TiC carbides
located at the grain boundaries, as illustrated in
Figures 1(b) and (c). However, there is also evidence
of ductile behavior in the investigated materials, man-
ifested by the occurrence of fine dimples, as shown in the
inserts in Figures 6(a) through (c).

C. Superelastic Properties

Cyclic compressive tests were used to determine the
superelasticity of the manufactured alloys. The analysis
was conducted at RT by incrementally increasing the
strain by 0.5 pct, from 1.0 to 5.0 pct, as shown in
Figure 7. To measure the recoverable strain the value of
permanent strain that occurred after the last cycle was
subtracted from the maximum strain, in this case 5 pct.
The results of this measurements are summarized in

Fig. 6—SEM images of fracture morphology after the tensile test of Ti–14Nb (a), Ti–20Nb (b) and Ti–26Nb (c).

Fig. 7—Cyclic compression stress–strain curves of Ti–14Nb (a), Ti–20Nb (b), Ti–26Nb (c) alloys and recovered strain as a function of
compressive strain (d).
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Table III. The highest recoverability of 2.0 pct was
recorded for Ti–14Nb. With the increasing concentra-
tion of Nb, the value of recoverable strain decreases to
1.4 pct for Ti–20Nb and next to 1.1 pct for the Ti–26Nb.
One can see that for Ti–20Nb and Ti–26Nb alloys the
strain is recoverable only in the first cycle (1.0 pct),
which is associated with elastic deformation. In the
following cycles, permanent deformation occurs, as
resulted from Figure 7(d). This shows that the SIMT
mechanism is not active during the loading of these
materials. For Ti–14Nb, the strain is fully recoverable
up to the second cycle (1.5 pct) and nearly recoverable in
the third cycle (2.0 pct). This indicates that the alloy
exhibits the superelastic response as a result of the
reversible SMIT mechanism.

Figure 8 shows the values of depth recovery ratio (gh)
and work recovery ratio (gw) of the investigated alloys in
relation to an indentation depth, calculated as described
in the experimental section (Eqs. [1] and [2]). The
presented data points represent the mean value derived
from a minimum of 10 indentations. At the constant
indentation depth, the strain recovery significantly
increases with the decreased concentration of Nb, e.g.,
at the depth of 100 nm the work recovery ratio increases
from about 35 pct for Ti–26Nb to 60 pct for Ti–14Nb.
This tendency next persists with the increasing indenta-
tion depth up to the end of the analyzed range. This
observation is consistent with the macroscopic behavior
of the materials investigated by the cyclic compressions
tests (Figure 7) since it was found that their recoverable
strain decreased with the increasing Nb content. On the
other hand, the compression tests indicate near perfect
strain recoverability of Ti–14Nb alloy up to 2 pct. In the
case of the nanoindentation test the values of both gh

and gw deviate from 100 pct even at the lowest force of 5
mN corresponding to indentation depth of about
80 nm. This is most probably associated with the
different stress distribution generated in the materials
by these methods. Although the uniaxial compression
test produces a relatively simple and homogenous stress
field distributed throughout the entire volume of the
sample, the stresses formed during nanoindentation are
rather complex and highly localized. The studies show
that the stresses generated by the indenter during
nanoindentation decrease radially with the distance
from the tip.[24] This resulted in the occurrence of
multiple zones in which different processes occur, i.e.,
plastically deformed martensite zone located directly
under the tip, encompassed by a reversible martensite
area, incompletely transformed zone and non-trans-
formed b-phase zone.[24,40] Thus, once the stress under
the tip exceeds the critical stress for dislocation slip, it
initiates permanent deformation, leading to diminished
recoverability.[40] The presence of the plastically
deformed zone beneath the tip even at low indentation
depth is a reason for the reduced recoverability that was
observed also in other works, e.g., References 24 and 25.
Zhou et al.[25] showed that the magnitude of the strain
recovery is closely related to the type of the indenter tip.
In this case, almost no recovery was observed for the
Berkovich tip exhibited high representative strain. How-
ever, for the spherical tips, the recoverability increases
with the radius of the indenter and reaches near 100 pct
for the tip radius of 200 lm, which was mainly
associated with the elastic response.[25] In this work,
we used a spherical indenter with a smaller radius of
5 lm exhibiting higher representative strain to activate
the SIMT during the loading and to reduce the
permanent deformation in comparison to the Berkovich
tip. Although the SIMT can take place only in the
limited area of the strained zone beneath the indent, it is
visible that the strain recoverability significantly
decreases with the increasing Nb concentration in the
investigated materials. This means that with the increas-
ing Nb concentration, the SIMT mechanism disappears,

Table III. Recoverable Strains for the Ti–xNb Alloys
Calculated Based on Cyclic Compression Stress–Strain Curves

Alloy Ti–14Nb Ti–20Nb Ti–26Nb

Recoverable Strain (Pct) 2.0 ± 0.1 1.4 ± 0.2 1.1 ± 0.1

Fig. 8—Depth recovery ratio (a) and work recovery ratio (b) with respect to indentation depth for the investigated materials.
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whereas residual strain recoverability is connected with
the elastic response.

D. Deformation Behavior

Figure 9 presents the optical microscopy (OM) images
of the series of Ti–xNb alloys acquired within the in situ
loading tests. The microstructure of the alloys was
studied in the following sequence: (i) initial state, (ii)
loaded state (e = 2 pct in tensile), and (iii) after
unloading. The obtained results revealed that the
deformation characteristics of those alloys exhibit a
distinct dissimilarity. It is clearly visible, that for
Ti–14Nb the deformation led to the development of
fine needles within the grains, which subsequently
vanished upon stress removal. This observation suggests
that the initial phase of its deformation is governed by
the SIMT mechanism. This is consistent with the data
acquired from cyclic compressive tests, as the alloy
demonstrated the occurrence of the superelastic phe-
nomenon. With the increasing Nb content to 20 at. pct
the deformation mechanism evolved to a twinning—the
twin structure formed during the deformation remains
unchanged after the unloading. In contrast, there were
no signs of any reversible transformations or twin

formation observed for the Ti–26Nb alloy, leading to
the conclusion that its deformation proceeds via the slip
mechanism. In order to confirm those observations the
EBSD technique was applied.
Figure 10 presents an EBSD orientation map of the

deformed Ti–20Nb. One may notice, the presence of
several micrometer-thick twinning bands within the
b-grains. The performed analysis of the misorientation
distribution along the line crossing two of such bands
(Figures 10(b) and (c)), indicates that they exhibited a
misorientations angle of about 50 deg with respect to
the matrix. This is a characteristic misorientation angle
for {332}<113> twinning system. The other bands have
also been identified as {332}<113> twins and marked
on the orientation maps with black lines. On the other
hand, Figure 11(a) presents the map acquired for a
sample of deformed Ti–26Nb alloy. In this case, no
twins were observed. Instead of that, noticeable misori-
entations in the grains of the b-phase may be registered.
Figure 11(b) shows the kernel average misorientation
(KAM) map, which may be applied for the qualitative
representation of the density of dislocations in the
materials.[41] The KAM values were categorized into
color-coded ranges, with blue indicating the lowest
KAM values (0 to 1 deg) and red the highest values (4 to

Fig. 9—The microstructures of the Ti–xNb acquired during the in situ tensile experiment.
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5 deg). The misorientations higher than 5 deg were
excluded from the calculations. The obtained results
indicate increased values of KAM in the vicinity of grain
boundaries, suggesting that dislocations are primarily
concentrated in those regions. This confirms the previ-
ous conclusion concerning the occurrence of dislocation
slip as a main deformation mechanism for the Ti-26Nb
alloy.

IV. DISCUSSION

A. Microstructure

The microstructural analysis of the fabricated alloys
indicates that they comprised the relatively fine b-Ti

grains and precipitates of TiC carbide located primarily
at the grain boundaries. Similar microstructures were
previously registered for various b-Ti alloys prepared
using the PM, e.g., Ti–17Nb–8Zr.[42] However, the
application of the mixture of elemental powders during
the sintering typically resulted in the occurrence of much
larger grains[21,43]; for example, Ti–22Nb sintered using
the SPS from the blend of Ti and Nb powders exhibited
large grains, with the size exceeding 200 lm.[20] This
shows a favorable impact of the mechanical alloying on
the grain refinement in the sintered b-Ti alloys. How-
ever, one of the main drawbacks concerning the
preparation of the materials using the PM is the elevated
concentration of interstitial contaminations in compar-
ison to materials fabricating using the casting

Fig. 10—EBSD orientation map of the deformed Ti–20Nb alloy (a), magnified area (b) with the corresponding misorientation profile (c). The
{332}<113> twin boundaries were marked by the black lines.

Fig. 11—EBSD orientation map of the deformed Ti–26Nb alloy (a) and the corresponding KAM map (b).
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technology.[44] In this case, the raised carbon content led
to the development of TiC precipitates (Figure 1).
Carbon exhibits extremely low solubility in titanium.
According to ASTM Standard Specifications, to prevent
the formation of carbides in CP-Ti, the carbon concen-
tration must be maintained below 0.08 wt pct (0.3 at. pct
for pure Ti).[45] This serves as the carbon limit in the
variety of a + b- and b-Ti alloys. This is also in
accordance with the predication of the pseudobinary
Ti–Nb–C phase diagram by Thermo-Calc software.[45]

On the other hand, the TiC carbides were observed in
the sintered Ti–Nb-based alloys containing even lower
contents of carbon, such as 0.05 wt pct (0.2 at. pct).[30]

Similarly, in the presented work, the presence of TiC
carbides were observed in all fabricated materials,
despite the overall carbon content (as shown in
Table I) being significantly lower than the specified
limit value. The following two contamination pathways
are typically observed in materials synthesized using the
MA—process control agent (PCA) and wear of MA
vessel/balls.[46] Taking into consideration, the reports
concerning the extensive dissolution of carbon and
hydrogen in the milled Ti powders in the presence of
organic compounds e.g., in Reference 47, the synthesis
was performed without any PCA. This leads to the
conclusion that the main source of contamination was
the wear process of the MA vessel/balls, in this case,
made of cemented tungsten carbide. The WC particles
that have been introduced to the powder during the
milling most probably dissolved in the matrix during the
sintering/solution treatment and next precipitated as
TiC carbides during cooling, since the solubility of C in
b-phase decreases with the temperature.[28]

Oxygen is another common impurity in Ti alloys
fabricated using the PM techniques.[48] The increased
concentrations of oxygen were typically present in the
b-Ti alloys fabricated using the PM as an effect of the
high chemical affinity of oxygen to Ti. In the investi-
gated Ti–xNb alloys the concentration of this element
reaches 0.5 to 0.6 at. pct (measured using the IGF
method). However, considering the available data, this
value is one of the lowest reported for alloys prepared
using the mechanical alloying, since the typical oxygen
concentrations in these materials reached 1 to 4 at.
pct.[20,42,43] In contrast to carbon, oxygen exhibited high
solubility in Ti—up to 8 at. pct in the b-Ti phase.[49]

Taking into consideration the relatively low oxygen
content in the investigated materials, it may be con-
cluded that it is present in the solid solution. This
confirms also the microstructural observation since no
phases enriched in the oxygen were found in all analyzed
alloys.

B. Mechanical Properties

Considering the mechanical properties of the pre-
pared Ti–Nb alloys (Table II), the Ti–14Nb exhibited
the highest yield strength of 860 MPa in compression
(C) and 640 MPa in tension (T). As the content of Nb
increases to 20 at. pct, this value drops down to

580 MPa (C) and 540 MPa (T), and roses again for
Ti-26Nb alloy to 630 MPa (C) and 600 MPa (T). The
yield strengths measured for the investigated materials
significantly exceed the values described for their con-
ventionally fabricated counterparts. For instance, yield
strength of Ti–26Nb, which is the most frequently
investigated composition, typically ranges from 200 to
350 MPa after the solution treatment[11,50] and reaches
up to 500 MPa in the aged state.[14,51] It is worth noting
that the YS of the materials used for bone implants are
typically higher than those exhibited by the conventional
Ti–Nb alloys. The values of 300–550 MPa are observed
for CP-Ti alloys, 800 to 1000 MPa for Ti–6Al–4V, �
900 MPa for Ti–6Al–7Nb, and 500 to 1500 MPa for
Co–Cr–Mo alloys.[52] Improved strength of the investi-
gated materials can be attributed to the synergistic
impact of solid solution strengthening by Nb and O, as
well as the presence of titanium carbides. Kim et al.[53]

reported, that oxygen highly increases the strength of
the b-Ti alloys. They observed an remarkable increase in
the yield strength of solution-treated Ti–22Nb from
about 400 MPa to above 1000 MPa by introducing 2 at.
pct of O. Similarly, the presence of carbide precipitates
in titanium alloys has been found to enhance their
strength, e.g., Sarkar et al.[54] reported that the addition
of 0.2 wt pct (0.8 at. pct) of C to the cast Ti-15-3
b-titanium alloy resulted in an increase in yield strength
from 1026 to 1216 MPa, attributed to a presence of TiC
precipitates. In this case, the carbon content was
significantly lower (0.16 to 0.08 at. pct), resulting in a
reduced strengthening effect caused by the presence of
TiC. The carbides were primarily located at the grain
boundaries (Figure 1), leading to limited ductility of the
fabricated materials during tensile tests. This was
associated with the brittle behavior of TiC, which
provided suitable sites for the nucleation and propaga-
tion of cracks.[55] Furthermore, their presence acted as
stress concentrators, localizing plastic deformation near
the grain boundaries. This effect is particularly notice-
able in the Ti–26Nb alloy, where the plastic deformation
was almost entirely restricted to the zone close to the
grain boundaries (Figure 11). However, a similar effect
likely occurs for Ti-14 as well as Ti–20Nb, leading to the
nucleation of martensite/twins close to the carbides
located at the grain boundaries. In contrast to the cast
Ti–Nb alloys, these fabricated by the PM route gener-
ally exhibited high yield strengths of above 1000 MPa,
as reported in several studies.[18,19,47] Such high values of
YS resulted from the elevated contents of oxygen
typically presented in the sintered titanium alloys.[18,19]

For example, Lai et al.[18] reported the values varied
from about 800 to 1300 MPa for a series of pressureless
sintered Ti–xNb alloys containing of about 0.7 wt pct of
oxygen. Even higher YS of about 1500 MPa was
reported for the Ti alloy containing 11 at. pct of Nb
and 4 at. pct of oxygen.[19] On the other hand, the
elevated YS of these materials were commonly com-
bined with the poor ductility or even brittleness.[19,56]

The experimental conditions proposed within this work
resulted in a decrease of the oxygen concentration to 0.6
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at. pct, which ensure improved ductility of the prepared
alloys.

The observed changes in YS could be understood as a
result of the cooperation of several factors, including:
grain size strengthening (I), solid solution strengthening
by Nb (II), and interstitial contaminations (III), the
occurrence of x-phase precipitates (IV), and finally, the
critical resolved shear stress (CRSS) of the SIMT/
twinning/slip mechanisms (V). As shown in Table I, the
Ti–14Nb alloy exhibited the largest grain size of 47 lm,
correlating with the highest yield strength. Considering
this, it appears that grain size may not be a key factor
influencing the mechanical properties of the investigated
materials. Similarly, these variations cannot be simply
attributed to the solid solution strengthening effect
caused by the substitutional Nb atoms. It is well-known
that interstitial contaminations can significantly affect
the mechanical properties of b-Ti alloys. However, in
this case, the contents of O, N, and H (Table I) in all
alloys were at similar levels. Therefore, they shouldn’t
have an essential impact on their YS values. More
notable differences were observed only for carbon: 0.16,
0.10, and 0.08 at. pct for Ti–14Nb, Ti–20Nb, and
Ti–26Nb, respectively. However, in this case, carbon
should have a limited effect on the YS values, as it
contributed to the formation of TiC carbides located at
the grain boundaries (Figure 1). Recent studies suggest
that the occurrence of nanometric precipitates of the
x-phase in the parent b-phase may significantly affect
the observed YS of materials. For instance, Lai et al.[57]

reported a significant increase in the YS of
Ti–25Nb–0.7Ta–2Zr alloy (from 350 to 490 MPa) as a
result of changes in deformation behavior caused by the
presence of fine x-phase particles. As depicted in
Figure 3, x-phase precipitates were also found in this
work. However, their occurrence alone cannot explain
the increase in the YS value between Ti–20Nb and
Ti–26Nb. TEM analysis revealed that the content of the
x-phase decreases with the concentration of Nb (as
described also in other works, e.g., Reference 32). This
suggests that the CRSS had the most significant effect on
the observed changes in YS for the studied materials.
While recent research indicates that the CRSS for SIMT
is expected to be lower than that for {332}<113>b

twinning,[58] it is conceivable that, in this specific
scenario, the elevated oxygen level increases this value
to the extent that it surpasses that of twinning, ulti-
mately leading to a decrease in YS for the Ti–20Nb
alloy. This observation may be supported by the fact
that the SIMT in b-Ti alloys containing elevated levels
of interstitial oxygen may be suppressed due to lattice
distortions generated by the oxygen atoms occupying
octahedral sites.[59] On the other hand, slip becomes
more favorable in highly stabilized b-Ti alloys, as
observed in various systems, including Ti–V, Ti–Mo,
or Ti–Nb.[60,61] The transition from {332}<113>b twin-
ning to slip typically results in increased strength
accompanied by limited ductility, as also observed in
this work for the Ti–26Nb alloy.

Recent studies have revealed that the deformation
behavior of b-Ti alloys is closely related to the stability
of the parent phase, which can be quantitatively
described with respect to the chemical composition
using a Mo equivalence (Moeq) value.

[62] In general, with
the increasing concentration of the b-stabilizing ele-
ments (or Moeq), the following mechanisms are acti-
vated: a¢¢-martensite deformation, stress-induced
martensitic transformation, twinning and slip.[60,63]

Therefore, to understand the origin of nonlinear
changes in YS, the early stages of the deformation of
the investigated materials were studied in more detail
(Section III–D).
The SIMT occurred for the sintered Ti–14Nb

(Moeq = 6.7) alloy. However, it was previously regis-
tered for alloys containing more than 26 at. pct of Nb
(Moeq = 11.3)[64] or for ternary ones with similar Moeq,
e.g., Ti–22Nb–5Ta (Moeq = 11.7),[65] Ti–22Nb–1Mo
(Moeq = 11.5)[66] or more complex Ti–7.5Nb–4Mo–1Sn
(Moeq = 10.9).[67] The presence of this specific defor-
mation mechanism in Ti–14Nb was confirmed by both
microstructural as well as mechanical analysis. The
performed in situ tensile experiments (Figure 9) provided
direct evidence of martensite formation within the
microstructure of the alloy during the loading, which
subsequently disappeared upon the removal of stress.
This is also in agreement with the cyclic tests, since the
material exhibit superelastic properties. Those observa-
tions are especially important since the occurrence of the
SIMT mechanisms in oxygen-added b-Ti alloys was
questioned in the literature, e.g., Tahara et al.[68,69]

stated that presence of oxygen (1 at. pct) in Ti-(23,
26)Nb suppresses the martensitic transformation and
that the superelastic effect arose from the reversible
growth of oxygen-rich nanodomains.
With the increasing stability of the b-phase, the

critical stress for SIMT (rSIMT) increases and the
twinning becomes more favorable.[63] The mechanism
was previously observed e.g., in Ti–5Mo–2W (Moeq =
11.4),[70] Ti–6.5Mo (Moeq = 12),[71] Ti–24V (Moeq =
13.4)[72] or Ti–8Mo (Moeq = 15).[73] In the case of the
Ti–Nb system, twinning was found in materials with Nb
concentration exceeding approximately 27 at. pct
(Moeq = 11.7).[74] On the other hand, in the presented
work the mechanism was detected for the Ti–20Nb
(Moeq = 9.1). One can see that this alloy exhibited the
lowest YS (580 ± 40 MPa) among the investigated
materials. The works show that the Ti–Nb-based alloys
that exhibit the twinning mechanism typically possess a
low yield strengths below 500 MPa, enhanced
work-hardening rate and excellent deformability.[71]

Such alloys are referred to as the new group of b-Ti
alloys displaying the twinning-induced plasticity (TWIP)
effect.[75] The {112}<111> twinning mode was identified
as the dominant mode in metals with a BCC structure,
including Fe, Nb, Mo, and their alloys.[76] However, the
less common {332}<113> system was observed in some
b-Ti alloys.[74,77] In this work also the {332}<113>mode
was registered to be active during the loading of the
sintered Ti–20Nb. Recent studies have shown that the
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transformation pathway in b-Ti alloys exhibiting the
TWIP effect can be highly intricate.[78,79] Qian et al.[79]

demonstrated that a specific deformation mechanism in
the b-phase Ti–12Mo alloy may be closely related to the
crystallographic orientation of the grain. In this case,
the selection of the dominant mechanism is connected to
the value of the Schmid factor for the activation of
SIMT/twinning, along with the accompanying transfor-
mation strain associated with a specific martensite
variant. This results in three possible deformation
modes, including: (I) {332}<113>b twinning, (II) SIMT,
and (III) a combination of both mechanisms, resulting
in {332}<113>b twinning assisted by martensite
{130}<310>a¢¢ twinning. A similar effect was observed
in other works, such as,[58] where the deformation
mechanism of the Ti–12Mo alloy was tuned from SIMT
to a combination of SIMT and {332}<113>b twinning,
and finally, single {332}<113>b twinning by progres-
sively increasing Zr content from 3 to 10 at. pct.

Increased contents of the b-stabilizing elements lead
to a shift in the deformation mechanism towards slip.[60]

This mechanism is prevalent in the heavily stabilized
b-alloys, such as Ti–5Mo–2.5Fe (Moeq = 16.0)[80] or
Ti–8Mo–1Fe (Moeq = 17.5).[81] It was found that for
the binary Ti–Nb alloys, the Nb concentration required
to activate this mechanism varied from 32 to 36 at. pct
(Moeq = 13.4 to 14.6).[60] Typically, they demonstrate
elevated strength accompanied by a reduced work-hard-
ening rate.[81] As with the previous cases, for the
investigated materials this mechanism was observed at
a lower Moeq value—in Ti–26Nb alloy (Moeq = 11.4).
The transition of the predominating mechanism to slip
resulted in the increase of the value of the YS from
580 ± 40 MPa (Ti–20Nb) to 630 ± 20 MPa (Ti–26Nb).
A similar effect was reported in other works, for
example the transition from twinning to slip as a result
of addition 1 at. pct of Fe to Ti–8Mo resulted in the
enhancement of the yield strength of this alloy from 440
to 840 MPa.[81]

The above considerations indicate that the specific
deformation mechanisms occur at the reduced content
of the b-stabilizing elements compared with the alloys
prepared by the conventional technologies. Because the
presence of deformation mechanisms is intimately linked
to the stability of the parent b-phase, there has to be
another factor, except the b-stabilizers concentration,
that increases its stability. The recent results show that
although oxygen is typically considered to be an
a-stabilizer, it can simultaneously affect the b-phase
stability. Oxygen by occupying the octahedral sites
suppresses the martensitic transformation.[59] This is
associated with the counter effect between the strain

fields around this sites and 011
� �

½011� shuffling mode
needed for the formation of martensite.[59] This leads to
the decrease of the a¢¢-martensite stability, which in turn
results in the significant drop of the Ms that was also
reported in other works.[11,18] In our case, the stabilizing
effect of oxygen on the b-phase resulted in the occur-
rence not only of the SIMT mechanism at lower Nb

concentration but also of other mechanisms—twinning
and slip.

C. Superelastic Properties

The occurrence of the superelastic effect in the
conventionally manufactured metastable b-Ti alloys is
well-established.[14,82] Numerous works show that the
best properties are observed for alloys containing about
26 at. pct of Nb (or similar Moeq).

[11,14,82] It also has
been revealed that the materials with the same compo-
sitions, but fabricated by powder metallurgy or additive
manufacturing, do not exhibit superelasticity.[20,83,84]

This is also true for the present work—the data acquired
during the cyclic compression tests for the sintered
Ti–26Nb alloy (Figure 7(c)) indicate only permanent
deformation. A similar effect was observed for Ti–20Nb,
however, considering the recovery strain vs. the com-
pressive strain curve (Figure 7(d)), a slight increase in
the recovery strain may be observed in the following
cycles, which may have resulted from the contribution of
the SIMT mechanism. For those alloys, the recoverable
strain reached 1.4 pct (Ti–20Nb) and 1.1 pct (Ti–26Nb).
It is worth emphasizing that the total recoverable strain
(RT) measured in the cyclic compression tests contain
three different terms associated with the various recov-
ery mechanisms: elasticity (REL), pore structure (RPOR)
and SIMT mechanism (RSIMT)

[18]:

RT ¼ REL þ RPOR þ RSIMT:

In the case of the investigated materials the RPOR term
might be ignored since they were nearly fully dense
(porosity below 0.1 vol pct). Considering the deforma-
tion characteristic of both Ti–26Nb and Ti–20Nb, it
may be concluded that the observed RT is predomi-
nantly associated with the REL term. On the other hand,
different behavior was observed for Ti–14Nb alloy, since
it exhibited the stress-strain hysteresis in loading-un-
loading cycles associated with the reversible SIMT
mechanism (Figure 7(a)). The obtained value of RT for
this material reached 2.0 pct. This value is comparable
with the values previously reported for the convention-
ally fabricated Ti–Nb alloys after the solution treatment,
varied from 1.6 to 2.5 pct.[11,13,14] Higher values up to
4.2 pct were observed for the aged Ti–26Nb alloy.[11]

However, those alloys possess relatively low rSIMT in the
range of 100 to 200 MPa and a YS of 300 to 400 MPa
when compared with the investigated materials. Extre-
mely high values of recoverable strain were reported for
a few sintered Ti–Nb-based alloys, for instance Lai
et al.[18] showed 5.0 pct of recoverable strain for the
Ti–13Nb. Similarly, Yuan et al.[19] reported a value of
5.4 pct for the sintered Ti–11Nb–4O alloy. However,
those alloys did not possess the typical stress–strain
hysteresis for the superelastic materials; the high values
of the recoverable strains resulted rather from the
occurrence of very high YS and enhanced elasticity,
than from the reversible SIMT mechanism, e.g., the
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mentioned Ti–13Nb showed an elevated YS of �
1200 MPa but low elastic modulus of 25 GPa (measured
by the compression tests).[18] Although the b-Ti alloys
are characterized by high elasticity, the Ti–Nb alloys
possess elastic modules varying between 50 and 80
GPa.[82] Taking this into consideration, these results
may be slightly affected by the measurement error.
Nevertheless, the observations presented in the frame of
this work indicate that it is possible to fabricate Ti–Nb
alloys that exhibit the superelastic phenomenon at RT
by use of the PM. However, to make it possible the
content of Nb needs to be decreased from the initial 26
at. pct to about 14 at. pct. This is attributed to the
higher content of the interstitial contaminations in
comparison to the cast alloys, which significantly
decreases the martensitic transformation temperature.

Nevertheless, the superelastic response of the dis-
cussed Ti–14Nb differs in comparison to that which is
observed for conventional b-Ti or NiTi alloys. Typi-
cally, two distinct yielding points can be distinguished
on the stress-strain curves for superelastic alloys: the
initial point corresponds to the activation of the SIMT
mechanism, while the latter to permanent deforma-
tion.[23] Surprisingly, one yielding point was observed on
stress–strain curves of the studied Ti–14Nb
(Figure 7(c)), although they demonstrate the superelastic
properties. The same effect was registered for various
b-Ti alloys characterized by the elevated content of
interstitial contaminations.[53,85] While this phenomenon
remains not fully understood, its origins may be linked
to the presence of interstitial oxygen atoms within the
structure of these alloys. The first-principle calculations
by Salloom et al.[59] indicate the presence of the
significant lattice distortions in the b-phase around the
octahedral sites occupied by oxygen. The locally induced
stain fields, generated by randomly distributed O atoms,

leads to the formation of nanoscale 110f g<110>
traverse lattice modulations that may disturb long-range
order during the SIMT.[68] These modulations are
similar to the recently reported O¢-phase, which was
found in various oxygen-rich b-Ti alloys.[34,35,86] The
O¢-phase was also found in the investigated alloys
(Figure O). The superelastic effect in b-Ti alloys arises
from the reversible b fi a¢¢ martensitic transformation,
proceeding through a 112f g<111> shear (lattice dis-

tortion) followed by a 110f g<110> shuffle (lattice
modulation).[87] However, the randomly distributed
O’-particles/traverse lattice modulations may impede
the 112f g<111> shear required for the SIMT, thereby
inhibiting the long-range martensitic transforma-
tion.[34,68,88] This phenomenon was experimentally
observed for the b fi a¢ transformation in low-stabilized
Ti–4Al–4Fe–0.25Si–0.1O alloy. In this case, the shearing
of O¢-nanodomains during the deformation disrupts the
primary martensite transformation, leading to the initi-
ation of a secondary martensite transformation.[87] The
suppressing impact of the O¢-particles on the SIMT may
significantly increase the critical stress for the transfor-
mation. In a specific case, this value can become similar
to the critical stress for the slip deformation, resulting in
a one-stage yielding behavior. A similar hypothesis was

proposed by Castany et al.[89] to describe the one-stage
yielding phenomena in superelastic Ti–24Nb–0.5O.
Through in situ synchrotron X-ray diffraction studies,
they found that the suppressing effect of oxygen on the
martensitic transformation led to an increase in the
critical stress required for the transformation, approach-
ing values similar to the critical stress for twinning/slip
deformation. This observation aligns with the results
obtained in the nanoindentation experiment (Figure 8),
as perfect recoverability was not observed even at
relatively low stress levels. This suggests the cooperation
of SIMT and plastic deformation during the indenta-
tion. The presence of the x-phase has also been
considered a significant obstacle to the martensitic
transformation.[11] However, in this case, its presence
cannot explain the phenomenon of the one-yielding
effect. This is because the occurrence of the x-phase has
been previously reported in various b-Ti superelastic
alloys that exhibit the standard two-yielding behavior,
as seen in Ti–26Nb.[11] Nevertheless, to observe this
phenomenon of SIMT in interstitials-rich b-Ti alloys the
concentration of the b-stabilizing elements has to be
reduced taking into consideration their effect on the
b-phase stability. The findings of this study are expected
to serve as a basic for the development of new
superelastic metastable b-Ti alloys, particularly those
produced with the application of the newly developed
powder metallurgy and additive manufacturing
technologies.

V. CONCLUSIONS

1. The proposed fabrication technology involved the
preparation of the pre-alloyed powders by mechan-
ical alloying and their consolidation by hot pressing
is an attractive approach for the fabrication of
Ti–Nb-based alloys with enhanced mechanical
properties in comparison to materials produced
using conventional technologies.

2. The deformation characteristic of b-Ti alloys is
closely related to the concentration of the b-stabi-
lizers. As concentration of b-stabilizing elements
increases, the following deformation mechanisms
were registered: SIMT (b fi a¢¢) fi twin-
ning fi slip. Each of these mechanisms was
observed at a reduced content of Nb compared to
analogous alloys obtained using conventional tech-
niques, which is most probably associated with the
elevated concentration of oxygen that may affect
the stability of the parent b-phase. The evolution of
the deformation mechanisms was responsible for
the nonlinear changes in YS with the Nb concen-
tration. It was found that the substantial reduction
of YS of the fabricated Ti–20Nb was related to the
transition of the predominant deformation mecha-
nism from SIMT to {332}<113> twinning. The next
increase in the value of YS for the sintered Ti-26Nb
was accompanied by a shift in the deformation
mode to slip
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3. The superelasticity in the sintered b-Ti alloys, may
be achieved by the reduction of concentration of
b-stabilizing elements compared to the alloys man-
ufactured with the application of the conventional
casting techniques, which is most probably related
to the occurrence of the interstitials. In the pre-
sented work, the best superelasticity, with the 2.0
pct of the recoverable strain, were registered for the
Ti–14Nb, whereas for conventionally fabricated
Ti–Nb alloys superelasticity occurs at Nb concen-
tration of about 26 at. pct. The developed material
demonstrates non-conventional, one-stage yielding
behavior, resulting in the occurrence of superelastic
response at significantly higher stresses (close to YS,
in this case, 860 MPa) when compared with the its
conventionally manufactured counterparts, for
which the effect is observed typically below 300 to
400 MPa.
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